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Hydrogen sintering and phase transformation (HSPT) is a novel low-cost process for 
powder metallurgy (PM) titanium alloys. The microstructure obtained from the HPST 
process has very fine α grains, as well as other common features of a PM product, such as 
residual pores and large α grains. This research is aimed at evaluating the microstructure 
and mechanical behavior of Ti-6Al-4V alloy made from TiH2 powders with different size 
distributions and a variety of processing parameters. Pneumatic isostatic forging (PIF) 
was carried out under β-tarsus to eliminate residual porosity without coarsening the 
grains. Tensile, fatigue, and crack growth properties of HSPT processed alloys, as well as 
wrought Ti-6Al-4V alloys, were studied in this research to investigate the microstructure-
property relationships, with an emphasis on the effect of microstructural inhomogeneity 
on fatigue behavior. 
Tensile properties of the HSPT Ti-6Al-4V alloys were found equivalent to or 
exceeded those of mill-annealed alloy. The low cycle fatigue (LCF) life was also found 
equivalent to that of wrought Ti-6Al-4V after PIF. However, the high cycle fatigue (HCF) 
performance was still inferior to that of wrought material due to the large α phase 
grain/grain boundary α phase plate, which was found to initiate cracks from inside of the 
specimen in HCF range. It is also shown that with the optimization of the distribution of 
powder sizes and the processing parameters, the properties of HSPT processed Ti-6Al-4V 





blended elemental (BE) methods, and equivalent to best properties found in alloys 
produced by pre-alloyed method in hot iso-static pressed (HIPed) and heat treated 
condition. 
The S-N behaviors of different alloys were studied. Crack initiation types, sizes, and 
locations were found to alter the fatigue failure mechanism and the shape of S-N curves. 
The quantitative correlations between crack initiation size, location, and the S-N curve 
shape were also revealed in this study. Fatigue crack growth tests were carried out using 
miniature single edge-notched tension (SENT) specimens to evaluate the crack growth 
behavior. Crack growth stages were classified based on the characteristics of fractographs 
of both fatigue failed samples and crack growth samples. Microstructurally small crack 
growth rate was calculated from rough area size and fatigue life consumed in this region. 
The predicted S-N curves at HCF region based on crack growth rate at different stages 
for Ti-6Al-4V alloys with different crack initiator sizes match very well with the current 
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Civilian use of titanium, such as in biomedical tools and automobile industries, has 
been severely restricted due to its high cost. One of the ways to solve this problem is by 
using the near-net shape process, such as powder metallurgy (PM). Powder processing 
has been regarded as a promising approach for reducing cost of Ti fabrication because of 
the near-net-shape capability. However, after several decades of research and 
development, the use of powder metallurgy titanium is still very limited due to inferior 
properties in comparison with wrought titanium. However, the demand for low-cost 
titanium continues to drive the research and development of new technologies. In the past 
few decades, a variety of powder-related processes of titanium, as well as postprocessing 
treatments, have been developed. However, the inherent low-cost characteristics of 
powder metallurgy is often diminished by the need to improve mechanical properties and 
lowering interstitial impurities through high pressure consolidation, thermo-mechanical 
processing, or pre-alloying through melting.  
Apart from complex shape, many applications require good mechanical properties of 





without sacrificing performance is the major task to materialize PM titanium. Only a truly 
low-cost PM process for producing titanium alloys with good mechanical properties can 
possibly be used in cost-sensitive civilian applications. Therefore, the research on PM Ti 
should be limited to low-cost techniques to produce titanium components with desired 
microstructure and properties. The low-cost techniques include blended elemental 
method, low-cost press and sinter technique, and as least as possible postsintering 
consolidation process, thermo-mechanical processing. Most importantly, the raw material 
should also be low-cost, easy to compact, and with high purity. 
 
1.2 Fatigue of Powder Metallurgy Titanium 
 PM materials share one characteristic property with all conventionally produced 
materials; they also contain defects and weak spots. Effect of defects on fatigue, such as 
nonmetallic inclusions, on the fatigue property of steels, has been extensively studied. 
However, because wrought titanium alloys are pore free and very clean, the 
microstructural discontinuity-related fatigue mechanism has not yet been investigated 
extensively for titanium alloys. PM processed titanium parts are not as clean as wrought 
titanium alloys, in order to extend the limits of application of PM titanium alloys as far as 
possible. It becomes necessary to understand the effect of the defects on fatigue property 
of PM titanium components.  
Internal fatigue origins are most commonly associated with high cycle fatigue (HCF) 
loading. Before entering service, titanium alloys are often subjected to cold working to 
increase resistance to fatigue. This is achieved by surface treatment to produce 





subsurface and propagate internally before connecting to the component surface and the 
surrounding atmosphere. The fatigue cracking mechanism and associated fatigue crack 
growth rates of internal features are poorly understand, and provide a major challenge 
regarding estimation of component life. The pre-existing defects in the bulk of PM 
materials weaken the material, leading to internal failures with much shorter time. Thus 
the effect of microstructural discontinuities, such as residual pore and large phase grain 
that are commonly seen in blended elemental PM titanium alloys,
 
on fatigue performance 
should be addressed. 
As is known, the fatigue life of PM titanium is usually shorter than that of wrought 
material due to imperfections in the microstructure; internal crack initiation can be seen 
at fatigue life around 1 million cycles, which is a critical regime, where both crack 
initiation and crack propagation are important. In PM titanium alloys, with the presence 
of a variety of microstructural features, the crack initiation mechanism would be more 
complicated. Thus, the mechanism of micro-crack initiation and microstructural short 
crack growth under the traditional mechanical threshold is meaningful to predict fatigue 
life and understand how the fatigue life is affected by the microstructural discontinuities. 
The crack initiators are generally larger than normal grain size, and the effect of size of 
crack origins on fatigue behavior in titanium is poorly understood. It is currently 
impossible to do in-situ crack initiation and microstructural short crack growth 
observations to study the mechanism and HCF life portion at different stages due to the 
restriction of resolution. Thus, the characteristics of the fractographs are the direct source 






1.3 Objectives of the Present Research 
The objectives of this research work are: 
1. To establish processing-microstructure-property relationships in PM Ti-6Al-4V 
alloy made from TiH2 by using the hydrogen sintering and phase transformation (HSPT) 
process. 
2. To investigate the effect of microstructure on fatigue crack initiation, and the role 
of fatigue crack initiation in the fatigue behavior of PM Ti-6Al-4V alloy. 
3. To evaluate the crack growth behavior using miniature specimens and study the 
crack growth mechanisms at different stages. 
4. To reveal HCF failure mechanism and predict HCF life based on crack initiation 
















2.1 Fatigue Performance of PM Ti-6Al-4V Alloy 
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2.2 PM Titanium Using TiH2 
2.2.1 Vacuum Sintering of TiH2 
In recent years, an alternative BE PM Ti technique employs vacuum sintering of TiH2 
powders.
 1,2,3
 During sintering, TiH2 will dehydrogenate at moderate temperatures prior to 
being sintered at high temperatures in vacuum.
1,2
 Ivasishin et al.
2
 showed that the sintered 
density can be 98.5-99.5% of the theoretical density in the as-sintered state, in contrast to 
90-95% of the theoretical density when titanium powder was used. However, common to 
all above β-transus sintered Ti-6Al-4V alloys, the microstructures are usually large 
colony structures, as shown in Figure 2.6 (a), and the colony structure leads to poor 
tensile and fatigue strength. As reviewed in the previous section, the as-sintered large 
colony structure can be refined by extra postsintering processes, such as heat treatment, 
thermal mechanical work to achieve high tensile and fatigue strengths. All the extra 
processes would increase the cost of PM titanium parts, thus losing the advantage of low 
cost for PM Ti.  
 
2.2.2 Benefits of Using TiH2 as Raw Material 
TiH2 is brittle and low strength in nature (250 MPa), thus the TiH2 particles can be 
easily crushed. Ivasishin et al.
 4
 found that the compaction of TiH2 under pressure leads to 
the brittle fracture of the hydride particles, but does not increase the concentration of 
defects in their crystals, thus the rate of pore healing does not increase with increasing 
compaction pressure. Thus the use of TiH2 powders makes it possible to attain a high 
theoretical density with relatively low compacting pressure. Furthermore, high active 
atomic hydrogen is capable of reducing metal oxide. Ivasishin et al. 
4,5





oxygen content in sintered alloy was somewhat lower than that in initial hydride powder. 
Hydrogen is released from the hydride compact, part of which reduces the surface oxide 
forming water vapor. The rate of sintering was thought to be markedly higher after 
dehydrogenation due to cleaner surfaces and activation of diffusion by crystal lattice 
defects formed during TiH2 to Ti (beta) phase transformation.
4 
 To date, research has 
shown several merits of employing TiH2 as PM Ti raw material: 1) low cost, 2) easy to 
compact due to low strength, 3) surface cleaning during sintering. 
 
Hydrogen is generally an undesirable component in titanium and structural metals, 
due to the well-known hydrogen embrittlement. However, hydrogen can be potentially 
beneficial when used in Ti processing. Hydrogen can stabilize the β phase and decrease 
β-transus temperature. In addition, hydrogen has a rapid diffusion rate in titanium and the 
reaction between titanium and hydrogen is reversible. Therefore, hydrogen can be used as 
a temporary alloying element to improve the workability and deformability during hot 
working of Ti.6 The well-known thermo-hydrogen processing (THP) utilizes hydrogen as 
a temporary alloying element to refine the microstructure. The THP usually first involves 
hydrogenation by controlled diffusion from a hydrogen environment, and then cooling 
down to room temperature to obtain hydride phase. During the last step, the hydrogen is 
removed by annealing at a moderate temperature (typically between 600 ˚C to 800 ˚C) in 
vacuum. It has been extensively shown that, when used correctly, hydrogen as a 
temporary alloying element can become powerful in improving processing and 







2.2.3 HSPT Process 
Recently, a new PM process, HSPT, that involves sintering of TiH2 powder in the β-
phase field and obtaining the Ti-6Al-4V alloy by subsequent phase transformation and 
dehydrogenation, has been introduced.
7,8,9,10
 The advantage of the HSPT process is that 
high density and very fine microstructure, as shown in Figure 2.6(b), can be achieved in 
the as-sintered state at moderate sintering temperatures. The raw TiH2 powder is also less 
expensive than pre-alloyed (PA) titanium powders produced by the plasma-rotating-
electrode process (PREP) or the liquid alloy atomization process.  
The temperature-time profile of HSPT is shown in Figure 2.7. As shown in the figure, 
HSPT consists of three steps for Ti-6Al-4V: (1) sintering at 1200 ˚C in hydrogen, (2) 
phase transformation at a moderate temperature 650 ˚C in hydrogen, and (3) 
dehydrogenate at 750 ˚C in vacuum.9,10 The phase transformations and microstructural 
evolution during HSPT are schematically shown in Figure 2.8. During HSPT, when the 
samples were cooled from 1200 ˚C to 650 ˚C, there was no precipitation of α, even when 
the temperature was below β transus. During isothermal holding at 650 ˚C, ultra-fine α 
precipitated, which then transformed to α2 after the sample was held for some time. The 
precipitation of α within the β grains and the presence of α2 are the key to attain the ultra-
fine microstructure. Finally, during the dehydrogenation step, new β phase forms from 
the reaction of α + δ to β. Since the dehydrogenation process is conducted in the α + β 
phase region, the mixed phase grain boundaries would be expected to retard grain 
growth. Thus the final dehydrogenated microstructure primarily inherits the morphology 





The (Ti-6Al-4V)-H phase diagram has been developed by different authors and 
studied extensively in the past few decades. They commonly showed β phase exists 
above about 1073 K (800 ˚C) in the Ti-6Al-4V-H system, at hydrogen concentrations >10 
at.%.9,1113 According to Kerr and Qazi et al.,11,13 when hydrogen content is sufficient, 
below this temperature, the β phase was hypothesized to have decomposed into α and 
hydride phase, and this transformation is the origin of the fine microstructure. Sun et al.10 
illustrated that the precipitation of α/α2 phase within β grains during isothermal holding 
(at temperatures below β-transus under hydrogen atmosphere), and the eutectoid 
transformation of remaining β into α and hydride phase at a lower temperature, are 
critical for the formation of the final fine α + β microstructure.9,10 On this basis, in the 
HSPT process, the sintering of TiH2 powder compacts occurs in the β-phase field in 
hydrogen atmosphere, the subsequent phase transformation and dehydrogenation of 
powder metallurgically sintered Ti-6Al-4V-H alloy below 1073 K (800 ˚C) produce a 
very fine α + β widmanstӓtten microstructure.9,11,14 The mechanisms of microstructure 
refining were discussed in great detail by Sun et al.9,10 
 
2.3 Fatigue Behavior of Engineering Alloys 
2.3.1 Low and High Cycle Fatigue 
Dynamic properties of titanium alloys, in which crack initiation plays a major role, 
can be degraded as a result of contamination levels. In the low cycle region, the grains are 
plastically deformed homogeneously and thus the external plastic strain amplitude is 
identical with plastic strain amplitude of all the grains. LCF strength is more dependent 





specimen surface. Under LCF loading conditions, though plastic deformation involves 
large areas of a structure and causes immediate multiple-site crack initiation, the crack 
initiation by the formation of persistent slip bands consists of about 50 % of the total 
life.
15 
 Titanium alloys are well known to be sensitive to surface roughness and defects, 
such as inclusions and porosity. Thus with the presence of inclusion or porosity, LCF life 
would be degraded significantly. It has been shown that micro-sized porosity would not 
play a role in crack initiation if it is smaller than some size; the size can be as large as 50 
μm.16  
Contrary to LCF, HCF properties of titanium alloys are strongly affected by 
microstructure. HCF damage occurs locally, because the applied load is macroscopically 
elastic. Under this circumstance, only a small fraction of grains within a typical test 
volume have favorable conditions for cyclic plastic deformation.
15
 The longest-life 
fracture is initiated on a completely subsurface facet, so the term near-surface is used 
because the slip direction did not intersect the surface of the sample, so the initiation was 
not caused by the classical slip band intrusion/extrusion mechanism. 
 
2.3.2 Fatigue Behavior 
In fatigue of single phase (FCC) ductile materials without inclusions, such as copper, 
this type of material has conventional high cycle fatigue limit, and a UHCF limit. Fatigue 
life in the UHCF regime is governed by surface roughening, which can lead to persistent 
slip band formation and subsequent crack initiation in the slip bands.  Titanium alloys are 
relatively “clean” materials; in this sense, subsurface crack initiation is not expected. 





been reported for various titanium alloys at and below room temperature under cyclic 
axial loading conditions.
17
 The typical S-N curve including LCF, HCF and UHCF 
regimes for a defect free Ti-6Al-4V alloy is shown in Figure 2.9.
17
 The S-N curve of a 
Ti-6Al-4V alloy shows a plateau range between one million and ten million cycles as 
illustrated. There is a rather sharp drop in the fatigue strength between 10 million and 100 
million cycles; thereafter, the curve flattens out and reaches a fatigue limit of 10
10
 cycles. 




 compared the cyclic and monotonic stress-strain curves of copper and 
titanium. The stress for a lifetime of 10
7
 cycles corresponds to the level at which the 
cyclic stress-strain curve departs from the elastic line. In contrast, the stress for a lifetime 
of 10 million cycles in Ti-6Al-4V is at a level well below this average strain level and in 
fact, all lives greater than 1000 cycles correspond to stresses below this level. Therefore, 
in the case of copper, the matrix itself is in the plastic region whereas in the case of Ti-
6Al-4V, the matrix of the material is in the pseudo-elastic range. Internal failures are 
observed in HCF/UHCF range. According to Steele et al.,
15
 localized crack nucleation 
happens quite early in life. This would mean therefore that the major portion of fatigue 
lifetime is spent in propagating a micro-crack to critical size.  
Materials with defects, such as nonmetallic inclusions, have been described 
comprehensively on a microstructural basis in terms of multi-stage fatigue life diagrams 
by Mughrabi et al.
18
 This type of materials has HCF limit, and subsurface fatigue crack 
initiation at inclusions is dominant in the UHCF range, provided that the inclusion 





fatigue behavior of this type of material.
19,20
 This type of material often present two 
failure modes: surface crack induced failure in shorter life regime, and interior crack 
induced failure in the longer fatigue life regime. The material discontinuities, including 
nonmetallic inclusions, second phase particles and some inhomogeneous microstructures, 
play an important role in causing interior crack nucleation.  
The fatigue life behavior of materials with inclusions can be described using a multi-
stage Wöhler-type S-N plot, as shown schematically in Figure 2.10.
18
 In reality, the 
transitions between the different ranges will not be sharp but gradual with some scatter 
and overlap. In LCF range I, failures are usually initiated at the surface. The conventional 
HCF regime can extend into the UHCF regime, where it is terminated with the onset of 
UHCF range III, in which fatigue failures occur at the stresses below the conventional 
HCF limit, originating in most cases from internal defects. However, some specific 
aspects have remained open, such as fatigue crack initiation and early slow crack growth 
as life-controlling factors, life-controlling factors in ranges I-III and in the transition from 
surface to internal failure. 
PM materials unavoidably contain inclusion, porosity, and extremely large grains due 
to local compositional segregation. Microscopically localized deformation is always 
related to the microstructural heterogeneity such as nonmetallic inclusions, pores, second 
phase particles and grain boundaries, which are sites for local stress concentration. A 
comparatively larger pre-existing defect in the specimen interior may introduce higher 
stress concentration than the surface flaws. Especially at lower cyclic stress, the 
difference is considered to become more distinct, since the extrusion-intrusion 







, and the size of the pre-existing defect is unchangeable. On the contrary, when 
the pre-existing defect is very small, the specimen might be immune from the defect-
nucleation-crack at any cyclic stress level. Thus, it is considered that the site or Stage I 
crack which is selected for fatal crack is always competitive and depends on its size, 
shape, location in specimen and stress concentration at the tip.  
It can be expected that microstructural discontinuities play a significant role of fatigue 
crack initiation in these high cycle or very high cycle regimes
21
. Grain size at the high 
end of size distribution, grain orientation was associated with the crack initiation 
process.
21
 The fatigue behavior of engineering alloys at different stress amplitudes 
become strongly dependent on the microstructure heterogeneity level and the probability 
of the occurrence of critical heterogeneities.  
 
2.4 HCF Crack Initiation and Small Crack Propagation in Ti-6Al-4V Alloy 
2.4.1 Crack Initiation 
There was good agreement in the strain heterogeneity localization in HCF failures of 
titanium alloys. Both experiment and crystal plasticity predictions demonstrate that the 
heterogeneity is established early in cyclic loading and the localization correlates closely 
with the crack nucleation site.
22
 There is also evidence that slip band crack separation due 
to accumulated fatigue damage may be the operating mechanism of crack initiation. Slip 
along basal and prismatic planes in the primary α nodule has been proved by 
investigating the cyclic plasticity activity on a large number of grains. Cracks formed 
from the prismatic and basal slip planes.
23
 Schmid factor also appears as a relevant 





damage in the basal plane results from a combination of a relatively high resolved shear 
stress in the basal plane and a high tensile stress perpendicular to the basal plane. Other 
grains, which are referred to as poorly oriented, will be plastically hard compared to 
neighboring grains and will undergo a lower level of deformation in order to maintain 
compatibility; neighboring grains which have a high Schmid factor for slip on either 
prism or basal planes will need to undergo higher levels of deformation, accommodating 
the plastic strain gradient and consequent geometrically necessary dislocation (GND) 
multiplication compared to the macroscopic strain. Samples tested in both fatigue and 
dwell fatigue show elevated levels of GND storage, which is distributed 
inhomogeneously between grains.
24
As illustrated by Steele et al.,
15
 as well as other 
researchers,
23,24
 the HCF crack initiation in titanium is caused by deformation 
incompatibility induced strain accumulation.  
The slip bands are generated during fatigue and the accumulation of damage within 
the bands, and eventually reduce the transverse strength of the materials in these bands; 
therefore, cracks easily propagate along the bands. This fracture proceeds rapidly until 
the slip-induced damage is insufficient to reduce the local toughness below the locally 
applied stress intensity. For small cracks, this occurs at one of the boundaries, where the 
crack is arrested. The crack must then await slip-imposed damage to occur in an adjacent 
microstructural element for the process to repeat itself.
25
  
Fatigue cracks initiated predominantly either at GBs or at slip bands in the vicinity of 
GBs, indicating that the GB constraint plays the most important role in the crack 





angle of 30-90˚ with respect to the loading direction. This condition guarantees a large 




2.4.2 Near Threshold Crack Growth 
The importance of the fatigue crack initiation stage was stressed repeatedly. However, 
the remaining difficulty lies in drawing the borderline between the initiation and 
propagation stages. The current crack growth, including microstructural small crack, 
physically small crack, and long crack, was revealed from the traditional LEFM, which is 
when the applied stress intensity factor (SIF) range was expressed in terms of the remote 
stress range and a crack length.  
The propagation behavior of these so-called microstructural short fatigue cracks is 
strongly affected by microstructural properties, such as the grain size and the presence of 
phase boundaries. Because of the strong interactions of short cracks with microstructural 
features (grain boundaries) and their substantially different crack growth mechanisms 
(Stage I) compared to long cracks, the crack propagation rate of short cracks cannot be 
described by LEFM.
27,28
 The plastic slip ahead of the growing micro-crack is blocked by 
grain and phase boundaries. Once critical shear stress on a slip plane in the neighboring 
grain is reached, the plastic deformation and crack can propagate into the next grain. 
Thus, the crack decelerates when approaching a boundary and accelerates after passing 
this barrier, resulting in an oscillating crack growth rate.
28
 Apart from crystallographic 
aspects, the mutual interaction of short cracks has also a marked influence on the short 








HCF and very HCF failure of Ti-6Al-4V alloy are usually associated with subsurface 
crack initiation.
30, 31,32
 Subsurface crack initiation in Ti-6Al-4V was discovered in the 70s 
in high cycle and very high cycle fatigue regime. Jha
33,34 
et al. also found the duality of S-
N curves in α + β titanium alloys that do not contain inclusion; the origin of duality in 
these materials seems to be entirely originated from microstructure. Facet and fine 
granular near crack origins are two features usually found in subsurface fatigue failures in 
titanium alloys. Though their formation mechanism is not very clear so far, the formation 
mechanism of facet in subsurface failures already draws a lot of attention and is 
extensively investigated in terms of formation microstructure and mechanism.
32, 35-39
 Fine 





 found that the crack propagation rate of titanium alloy under vacuum is 
much lower than that in air, especially at a low stress intensity factor regime, and vacuum 
environment is essential for the formation of granular. A. J. McEvily et al.
38
 illustrated 
that the formation of granules in titanium alloy is because the absence of oxygen allows a 
wear process to take place in stage 2a which reduces the local crack closure level and 
thereby enables very slow crack propagation. Shanyavskiy et al.
32, 41
 illustrated that 
regions near the inclusion are highly overstressed by hydrostatic compression or tension, 
and the rounded granular forms due to an elemental diffusion process under twisting 
plastic flow near the crack origin, usually an inclusion. Chai et al.
42 
revealed that the 
formation of fine grains at near threshold zone is a cyclic plastic deformation-induced 
dislocation of subcells with low angle grain boundaries.  
It has been shown that in the HCF region, an internally short crack grows at an 





characteristics. There is a considerable interaction between the microstructurally small 
crack and microstructure; the HCF resistance is therefore primarily due to the difficulty 
of overcoming a stage I crack. Though the underline mechanism is not clear to date, that 











Figure 2.6 Microstructures of Ti-6Al-4V alloys produced from TiH2 powder, (a) 








Figure 2.7 The temperature-time profiles of HSPT. Reprinted from P. Sun, Z.Z. Fang, 
M. Koopman, Y. Xia, J. Paramore, K.S. Ravi Chandran, Y. Ren, and J. Lu, Metall. Mater. 
Trans. A (46) 2015 1-15
10
 with permission from Spinger. 
 
 
Figure 2.8 Phase transformation and microstructural evolution during (1) cooling 
from 1200 ˚C to 650 ˚C in hydrogen, (2) isothermal hold at 650 ˚C in hydrogen, and (3) 
cooling from 650 ˚C to room temperature in argon. Reprinted from P. Sun, Z.Z. Fang, M. 
Koopman, Y. Xia, J. Paramore, K.S. Ravi Chandran, Y. Ren, and J. Lu, Metall. Mater. 
Trans. A (46) 2015 1-15
10











 cycles. Reprinted from R.K. Steele, and A.J. McEvily, 
Eng. Fract. Mech. 8 (1976) 31-37
15




Figure 2.10 Schematic fatigue life diagram of material containing inclusions. 
Reprinted from H. Mughrabi, Int. J. Fatigue 28 (2006) 1501-1508
18









1. O.M. Invasishin, V.M. Anokhin, A.N. Demidik, and D.G. Savvakin, Key Eng. Mater. 
188 (2000) 55-62. 
2. O.M. Ivasishin,D.G. Savvakin, V.S. Moxson, K.A. Bondareval , and F.H. Froes, Mater. 
Technol. 17 (2002) 20-25. 
3. C.R.F. Azevedo, D. Rodrigues, and F.B. Neto, J. Alloys Comp. 353 (2003) 217-227. 
4. O.M. Ivasishin, D.G. Savvakin, F. Froes, V.C. Mokson, and K.A. Bondareva, Powder 
Metall. Metal Cer. 41 (2002) 382-390. 
5. O.M. Ivasishin, and D.G. Savvakin, Key Eng. Mater. 436 (2010) 113-121. 
6. U. Zeicker, and W.S. Hans, U.S. Patent 2892742 A, 1959. 
7. Z.Z. Fang, P. Sun, and H. Wang, Adv. Eng. Mater. 14 (2012) 383-387. 
8. P. Sun, Z. Z. Fang, and M. Koopman, Adv. Eng. Mater. 15(10) (2013) 1007-1013. 
9. P. Sun, Z. Z. Fang, M. Koopman, J. Paramore, K.S. Ravi Chandran, Y. Ren, and J. Lu: 
Acta Mater. (84) 2015 29-41. 
10. P. Sun, Z.Z. Fang, M. Koopman, Y. Xia, J. Paramore, K.S. Ravi Chandran, Y. Ren, 
and J. Lu, Metall. Mater. Trans. A (46) 2015 1-15. 
11. W.R. Kerr, P.R. Smith, M.E. Rosenblum, F.J. Gurney, Y.R. Mahajan, and L.R. 
Bidwell: Titanium ’80, Science and Technology, Proceedings of the 4th International 
Conference on Titanium., Metall. Soc. of AIME, Kyoto, Japan, 1980, 2477-2486. 
12. W.R. Kerr, Metall. Mater. Trans. A 16 (1985) 1077-1087. 
13. J. Qazi, J. Rahim, F. Froes, O. Senkov, and A. Genc, Metall. Mater. Trans. A 32 
(2001) 2453-2463. 
14. D.H. Kohn, and P. Ducheyne, J. Mater. Sci. 26 (1991) 534-544. 
15. R.K. Steele, and A.J. McEvily, Eng. Fract. Mech. 8 (1976) 31-37. 
16. D. Eylon, F.H. Froes, D.G. Haggie, P.A. Blenkinsop, and R.W. Gardiner, Metall. 
Trans. A 14 (1983) 2497-2505. 
17. A. Atrens, W. Hoffelner, T.W. Duerig, and J.E. Allison, Scripta Metall. 17 (1983) 
601-606. 
18. H. Mughrabi, Int. J. Fatigue 28 (2006) 1501-1508. 






20. Z. Lei, Y. Hong, J. Xie, C. Sun, and A. Zhao, Mater. Sci. Eng. A 558 (2012) 234-241. 
21. J. Miao, T. M. Pollock, and J. W. Jones, Acta Mater. 60 (2012) 2840-2854. 
22. M.R. Bache, F.P.E. Dunne, and C. Madrigal, J. Strain Analysis 45 (2010) 391-399. 
23. F. Bridier, P. Villechaise, and J. Mendez, Acta Mater. 56 (2008) 3951-3962. 
24. P. D. Littlewood, and A. J. Wilkinson, Acta Mater. 60 (2012) 5516-5525. 
25. J. A. Hall, Int. J. Fatigue 19 (1997) 23-37. 
26. Y. M. Hu, W. Floer, U. Krupp, and H. J. Christ, Mater. Sci. Eng. A 278 (2000) 170-
180. 
27. H. J. Christ, O. Duber, C. P. Fritzen, H. Knobbe, P. Koster, U. Krupp, and B. Kunkler, 
Comput. Mater. Sci. 46 (2009) 561-565. 
28. B. Kunkler, O. Duber, P. Koster, U. Krupp, C. P. Fritzen, and H. J. Christ, Eng. Fract. 
Mech. 75 (2008) 715-725. 
29. Y. M. Hu, W. Floer, U. Krupp, and H. J. Christ, Mater. Sci. Eng. A 278 (2000) 170-
180. 
30. D.F. Neal, and P.A. Blenkinsop, Acta Metall. 24 (1976) 59-63.  
31. O. Umezawa, and K. Nagai, ISIJ Int. 37 (1997) 1170-1179. 
32. A. Shanyavskiy, and M. Banov. Eng. Fract. Mech. 77 (2010) 1896-1906. 
33. S.K. Jha, J.M. Larsen, and A.H. Rosenberger, Acta Mater. 53 (2005) 1293-1304. 
34. S.K. Jha, J.M. Larsen, and A.H. Rosenberger, and G.A. Hartman, Scripta Mater. 48 
(2003) 1637-1642. 
35. X. Liu, C. Sun, and Y. Hong, Mater. Sci. Eng. A 622 (2015) 228-235.  
36. M. Hagiwara, and S. Emura, Mater. Sci. Eng. A 352 (2003) 85-92. 
37. D. Eylon, Metall. Trans. 10 A (1979) 311-317. 
38. S. Jha, C.J. Szczepanski, R. John, and J.M. Larsen, Acta Mater. 82 (2015) 378-395. 
39. A.J. McEvily, T.  Nakamura, H. Oguma, K. Yamashita, H. Matsunaga, and M. Endo, 
Script Mater. 59 (2008) 1207-1209. 






41. A. A. Shanyavskiy, Eng. Fract. Mech. 110 (2013) 350-363. 







MATERIALS AND EXPERIMENTAL PROCEDURE 
 
3.1 Materials Fabrication 
The as-received TiH2 powders (Reading Alloys, Ametek, Robesonia, PA) had a size 
range of -20/+60 mesh. The powders were milled in a home-made jar under argon 
atmosphere for 30 minutes with a speed of 80 rpm, and then sieved to obtain -325 or -400 
mesh powders. The sieved TiH2 powders were mixed with -400 mesh 60Al/40V master 
alloy powder (sieved from the -325 mesh powder provided by Reading Alloys, Ametek, 
Robesonia, PA). The TiH2 particles are generally angular in shape. The mean particle 
diameters for the -325 and -400 mesh powders were 25.3 µm and 20.6 µm, respectively. 
Cylindrical Ti-6Al-4V bars were made by following the HSPT process. The details of 
the process were described in Chapter 2 section 2.2.3. Specifically, the process involves 
first cold-isostatic-pressing (CIP) of the mixed TiH2 and 60Al/40V master alloy powder 
at 350 MPa. After CIP, the green compacts were sintered at 1473 K (1200 ˚C) for 4 or 8 
hours in a flowing atmosphere of Ar/H2 (50/50) mixture. The sintered samples were then 
phase-transformed by furnace cooling to and holding at 923 K (650 ˚C) for 4 hours. This 
was followed by dehydrogenation at 1023 K (750 ˚C) for 12 hours to yield a Ti-6Al-4V 
alloy with fine α + β microstructure. Sintered bars were pneumatic-isostatic-forged 





chemical composition of the sintered Ti-6Al-4V PM alloy was determined by ICP-MS 
analysis. The densities of the materials were determined using the Archimedes’ principle. 
The size distribution of the pores was determined on metallographically polished 
sections, using ImageJ software, over 10 mm2 areas. Microstructures were examined in 
an optical microscope and an SEM equipped with an EBSD detector.   
 
3.2 Tensile and Fatigue Testing 
Tensile properties were determined using samples made according to the ASTM-E8 
standard and tested at a strain rate of 0.002 S-1 at room temperature; the sample 
dimensions are shown in Figure 3.1. Fatigue specimens, as shown in Figure 3.2, having a 
total length of 3’’ were machined from sintered blanks. The test section was 0.25” in 
diameter and 0.5” in length. The test sections were polished using SiC paper until grade 
1200, followed by finishing with 1 µm alumina suspension to obtain surfaces free from 
machining damage and residual stress. Tension-tension fatigue tests were conducted 
under load control with a cyclic frequency of 35 Hz (sine wave), at a stress ratio 
(σmin/σmax) of 0.1, in a 100 KN MTS 810 testing system. The fatigue tests were conducted 
in laboratory air at room temperature. The wrought Ti-6Al-4V alloy specimens in mill-
annealed condition were also tested in the same condition for fatigue performance 
comparison. Replicate tests were made until the stress-versus-fatigue-life trends were 








3.3 Fatigue Crack Growth Testing 
Fatigue crack growth was studied using miniature single edge-notched tension (SENT) 
specimens. Each specimen was loaded at constant stress amplitude over the entire period 
of fatigue crack growth. The specimen geometry is shown in Figure 3.3. The specimens 
were made from cylindrical Ti-6Al-4V bars of about 0.55” in diameter and 3” in length. 
The test section conformed to the SENT geometry and had a specimen thickness of 0.1” 
and a width of 0.5”. The height-to-width ratio (h/W=2.5) of the test section is larger than 
the minimum fracture mechanics requirement. Specimens were uniformly stressed by 
concentric gripping at the cylindrical ends, using hydraulic grips. Starter notches (~0.01” 
to 0.1” in depth) were machined by EDM to initiate the pre-cracks. The root radius of the 
EDM notch was about 0.05” and at least a pre-crack growth of 0.1” from the notch root 
was allowed before crack growth was recorded. Crack lengths on both sides agreed with 
each other within a few percent. Fatigue crack growth tests were done at room 
temperature, at a stress ratio of 0.1 and at 35 Hz. The solution for ∆K values was 
developed by a 2D finite element model for the SENT geometry. Crack lengths were 
measured using a travelling microscope with a 40X objective lens. The crack growth set-
up is shown in Figure 3.4. Crack growth rates were determined using two successive 
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Titanium alloys are extensively used in aerospace applications. Fatigue crack growth 
properties of titanium alloys, including near threshold and Paris regions, are of great 
importance for the fatigue life assessment of service components, inspections, and repair 
schemes. Damage tolerance design including fracture toughness and fatigue crack growth 
has been proposed by aviation industry designers in addition to conventional 
fatigue/strength-based criteria in the component-safety design and material selection. The 
predominant influencing factors on fatigue crack growth behavior may be divided into 
extrinsic parameters, such as loading conditions, stress ration and loading waveform, and 
environment, and intrinsic parameters such as alloy composition (interstitial element) and 
microstructure. Microstructural feature plays an important role in the near threshold crack 
growth region, where a microstructurally small crack interacts with microstructure. The 
HSPT Ti-6Al-4V alloy with a very fine Widmanstätten/grain boundary microstructure 
was considered to have great damage-tolerance properties. At present, most fatigue crack 
growth research of titanium is focused on wrought Ti-6Al-4V alloys. Limited data about 





Therefore, in the present investigation, a comparative study was undertaken to 
characterize the crack growth behavior of HSPT processed Ti-6Al-4V alloys in the 
as-sintered state and as-PIFed state, in comparison with that of wrought Ti-6Al-4V 
alloy. SEM was used to observe fractured surfaces of the crack growth features at 
different SIF ranges.  
In order to make sure the specimen is consistent with the fatigue and tension 
specimens, the blanks with same dimensions were made for crack growth specimens. 
As limited by the size of PM Ti-6Al-4V alloy blanks, miniature single edge-notched 
tension specimens were used to perform crack growth tests. The experimental set-up 
and procedures were introduced in Chapter 3. 
 
6.2 K Solution for the Present Miniature Specimen 
Fatigue crack growth experiments with miniature specimens are of interest with 
respect to the characterization of small volume materials. Miniature specimens are 
used to evaluate biomaterials,
1
 and the variability of properties in small components.
2
 
Because of the size limitation, it is often not possible to strictly adhere to ASTM 
standard specimens. An open question is whether these ΔK solutions will properly 
correlate the fatigue crack growth rates in miniature specimens. Indiscriminate use of 
ΔK solutions can lead to erroneous fatigue crack growth data.  
Figure 6.1 illustrates the fatigue crack growth data of the Ti-6Al-4V alloy 
correlated on the basis on the uniform-stress K solution, equation (6.1), from the 
compilation of stress intensity factors by Tada et al.
3
 This K solution has been used 
extensively in books and publications.
4,5





growth rates are indeed dependent on the remote stress amplitude level. The data seem to 
be stacked in layers, with higher applied stress levels producing higher crack growth rates, 
when compared at a given ΔK level of crack propagation. The crack growth rates of tests 
at stress amplitudes systematically increased with the applied stress amplitude. The 
variance in growth rates is about a factor of ten at about 40 MPa√m. The crack growth 
rates of tests at stress amplitudes 230-500 MPa nearly agreed with each other, indicating 
that the ∆K-correlation based on uniform-stressed ends works well at these stress 
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]          (6.1) 
 
Table 6.1 summarizes the crack length at which tests were terminated and the 
corresponding ∆K values and the sizes of the plane strain plastic zones. The tests were 
terminated at these points and specimens were monotonically pulled apart to determine 
whether the fatigue crack growth conformed to plane strain conditions. The plastic zone 








)2                                                     (6.2) 
 
 For the tests with σmax values of 70-360 MPa, the plastic zones sizes at the test 
termination were at most one-tenth of the specimen thickness, or even less over the 
lengths of crack growth measured. This is consistent with the flat fracture surfaces with 





amplitude of 500 MPa, the plastic zone size was only about one-fourth of the 
specimen thickness and the crack seemed to grow largely under plane strain 
conditions. At this stage, the crack in this specimen seems to be at the end of stage-II 
crack growth. It seems that there is no effect of plane-stress surface regions on the 
fatigue crack growth at this stress amplitude. 
It is shown that the finite-width correction factor for uniform stress state K 
solution increases rapidly with the increase of crack length (a), as shown in Figure 6.3 
by empty circle symbols, which is the K solution for SENT specimens used by 
different authors.
4,5
 A possible cause of the crack growth data scatter is the freedom 
of rotation of the ends of the specimen, which is mathematically present in this type 
of solution. To eliminate this problem, a K solution for uniformly displaced ends, for 
the present miniature specimen (H/W = 3), was generated by 2D boundary element 
method. This solution is given by: 
 
           K = σ√𝜋𝑎 [1.11 + 0.664 (
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]                                                     (6.2) 
 
Where a is the crack length, and w is the width of the SENT specimen. Figure 6.4 
illustrates the fatigue crack growth data correlated using the ΔK values (ΔKd) 
calculated using equation (6.2). An excellent correlation of fatigue crack growth data 







6.3 Crack Growth Behavior of HSPT Ti-6Al-4V Alloys 
 The da/dN-ΔK curve of HSPT + PIFed Ti-6Al-4V alloy is shown in Figure 6.5. The 
crack growth SIF range threshold (ΔKth) is approximately 3.2 MPa√m, which is lower 
than the value of wrought Ti-6Al-4V with bimodal (~4.0 MPa√m)8,9 and relative coarse 
lamella (~5.5 MPa√m)10 microstructures. It has been shown that finer grain size will lead 
to lower threshold value.
11
 The lower threshold value obtained for HSPT processed Ti-
6Al-4V alloy is because of the finer grains. It is shown in Figure 6.6 that the crack 
growth curves of all three materials almost overlapped. This indicates that the micro-
sized pores in the as-HSPT processed materials do not actually affect the crack growth 
behavior. It is also not surprising that the threshold (~3.0 MPa√m) and crack growth 
behavior of wrought Ti-6Al-4V alloy also overlaps with that of HSPT alloys, because the 
diameter of α grain in annealed wrought Ti-6Al-4V is similar to the length of 
Widmanstätten α grains. 
The fractographs at different ΔK were observed in a SEM. Figure 6.7 shows the 
fractured area at the near threshold region (ΔK = 3.7 MPa√m), where facets prevails. 
Crack growth rate oscillating was seen up to the SIF range of 8 MPa√m. Figure 6.8 
shows a much darker region with relatively flattened region at ΔK = 8.6 MPa√m; some 
rounded granular is seen in this region. Figures 6.9 and 6.10 show striations at stable 
crack growth region at ΔK = 12.8 and 14.5 MPa√m, respectively. The mechanism of 
crack growth and their corresponding features at different stages will be discussed in 












ΔK, end of test 
(MPa√m) 
Plastic Zone 
Size  (μm) 
70 7.99 43.0 217 
100 7.26 45.6 245 
230 5.05 49.7 291 
360 2.48 36.4 156 








Figure 6.1 Fatigue crack growth rates of PIFed Ti-6Al-4V alloy as a function of ΔK 
(uniform stress) for various stress amplitudes. The numbers in parentheses indicate pre-


































Figure 6.2 Fracture surfaces of SENT tested at different stress levels. Reprinted 
from K.S. Ravi Chandran, F. Cao, and J.C. Newman Jr., Scripta Mater. 122 (2016) 
18-21
12
















Figure 6.4 Fatigue crack growth rates of PIFed Ti-6Al-4V alloy as a function of 



































Figure 6.5 Fatigue crack growth curves of HSPT + PIFed Ti-6Al-4V alloy. 
y = 4E-12x4.0315 
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FAILURE ANALYSIS AND LIFE PREDICTION 
 
7.1 LCF Failure and Mechanism of S-N Curve Transition 
7.1.1 -400 HSPT Ti-6Al-4V Alloy 
The S-N plots of -400 HSPT Ti-6Al-4V based on different types of crack initiations 
are shown in Figure 7.1. Three types of crack initiation were observed: i) surface pore, ii) 
internal pore, iii) subsurface facet, as discussed in detail in Chapter 4. An obvious S-N 
transition “knee” was shown near the stress level of 550-600 MPa. The fatigue life 
suddenly increases by nearly one order of magnitude. The average crack initiation size 
and corresponding SIF range on the initiators of different types are listed in the Table 7.1. 
The crack initiation pores were much larger than that observed from polished sections; 
this indicates that only extremely large pores in the specimen volume were involved in 
crack initiation.  
At high stress LCF regime (for Nf < 10
6 cycles), all cracks originated from one or 
multiple pores at specimen surfaces, as shown in Chapter 4. Under the transition stress 
level, fatigue failure started from either an internal pore or a facet. Fractographs were 
shown in Chapter 4. The crack initiation size ranges from ~20 to 300 μm with an average 
size of 122 μm. When maximum stress decreases to a level, the critical crack initiation 





on the surface of the gage section. The existing larger microstructural inhomogeneities 
inside the bulk, such as GB-α platelets and pores, increasingly govern the fatigue crack 
initiation process. 
It is shown in Table 7.1 that the average equivalent diameter of the surface crack 
initiation pores is 47.6 μm. According to Murakami’s SIF equation1 for a surface crack: 
 
∆K = 0.65∆σ√π√area                                              (7.1) 
 
the average initial SIF range (ΔKini) on crack initiation site is 4.24 MPa√m. This indicates 
that the ΔK on an extremely large pore at the specimen surface is sufficiently big to act as 
small cracks because it is larger than the threshold value ΔKth (~3.2 MPa√m) of crack 
growth, as indicated in Chapter 6. These small “cracks” grew immediately at the 
beginning of cyclic load, which led to much shorter fatigue life when compared with 
specimens without pores on the surface.  
The ΔK value on the average extreme pore size (47.6 μm) on the surface of 
specimens at the stress level of 550 MPa is 3.70 MPa√m, which is comparable to the 
critical value, ΔKth (3.20 MPa√m) determined by the current crack growth test. The 
estimated threshold value is higher due to a few extremely large pores, which lead to 
higher average extreme-pore size. At the stress levels below this critical stress level, the 
ΔK value on the average value of extreme surface pores is less than the value of ΔKth. 
The geometrical factor difference in SIF calculations indicates that the internal defect size 
should be at least 1.6 times larger than that at the surface to have an equivalent ΔK. As 





larger than the average value of surface crack initiations. The advantage of the 
competition between surface extreme pores and internal extreme crack initiators (pore or 
facet) inclined to the side of the latter.  
As seen in Table 7.1, the average ΔK of the pores/facets under the transition is 4.8 
MPa√m, which is slightly higher than that of high stress levels due to increased initiation 
size, even with lower stress levels. Although the ΔK values above transition (at high 
stress levels) are lower, the ΔK on the surface is still larger than ΔKth, which is sufficient 
to grow a crack in air; while the SIF of internal crack initiation site is below the threshold 
SIF range for crack growth under high vacuum (assume the internal environment is 
vacuum), ΔKthV, which is experimentally determined to be 7.8 MPa√m by Oguma et al.
2 
Thus in the case of HCF failure, the microstructurally small crack (pore or immediately 
initiated facet) needs to grow to the critical crack size, at which the SIF range is ΔKthV. 
The cycles needed to grow the original small crack to the critical size leads to the 
immediate shift of the S-N curve.  
The plot of ΔKini values for LCF from specimen surfaces versus corresponding 
fatigue lives is shown in Figure 7.2. The fatigue lives of surface initiated failures 
significantly increase when ΔKini approaches the ΔKth. It indicates that when the initial 
ΔK is smaller than ΔKth, a microstructural small crack growth region would occur; the 
portion of life before the crack becomes critical is much larger than the crack propagation 
life from a pore that is equivalent to or larger than the critical size. This explains why the 
fatigue failure mode transition happened at the maximum stress around 550-600 MPa. 
The stress level of S-N curve transition is determined by the extreme value distribution of 





7.1.2 HSPT + PIF and Mill-annealed Ti-6Al-4V Alloys 
In pore-free HSPT + PIF and mill-annealed Ti-6Al-4V alloy, the transition (surface 
fatigue endurance limit) is approximately 800 MPa. The ΔKth is 3.0 MPa√m, as shown in 
Chapter 6. Considering 800 MPa as maximum load, the microstructural unit size should 
be 13 μm to achieve a ΔK value equivalent to ΔKth. This is approximately the size of α 
grain in both alloys. Therefore, it is clear that the surface fatigue endurance limit is 
determined by the ΔKth and the microstructural unit that can act as crack initiator on the 
specimen surface.  
 
7.2 HCF Failure and Near Threshold Crack Growth  
In HSPT Ti-6Al-4V alloy specimens, HCF failures had their cracks started from 
either internal pores or facets, as illustrated in Chapter 4. In HSPT + PIF alloy, HCF 
failures always initiated from big α phase (it could be GB-α plate, or large α grains 
adjacent to GB). HCF cracks initiated from a cluster of facets in mill-annealed Ti-6Al-4V 
alloy with fine equiaxed α grains. Thus the HCF crack initiation of Ti-6Al-4V alloys in 
the present study can be classified into two types: extremely large residual pores and 
facets originate from big α phase particles. As the average value of ΔKini is much smaller 
than the ΔKthV, the crack extension around the initiation site is actually a microstructural 
small crack. The crack growth near this threshold region is dependent on the 
microstructure3  and consumed most portions of the total fatigue life.4 The fractographic 
characteristics of the crack growth in both types of failures at different stages will be 






7.2.1 HCF Crack Initiation from Internal Pore 
Fish-eye like failure was formed from internal pore/facet in HCF specimens. Figure 
7.3(a) shows an internally fractured specimen from a pore. A rough zone can be seen near 
the pore; beyond the rough zone a region darker than other regions tangential to the 
specimen surface can be seen; this is a typical feature for “vacuum” crack growth. ΔK on 
the border of the rough zone is 8.6 MPa√m. Inside the rough zone, facet and granular 
were observed. Figure 7.3(b) shows a flat region near the sharp tip of the pore; fine 
granular is seen at the adjacent areas near the border of facets. Multiple cross slip marks 
were seen on the facet, where ΔK is ~6.7 MPa√m. Stair-like steps are also seen in this 
region, which indicate that at this stage, crack extension was driven by the activation of 
single or multiple slip systems. The pore presented as a crack initiator, but the ΔK on the 
pore is not sufficiently big to behave like a long crack; the micro-crack (pore) preferred 
to grow as a stage I crack with crystalline manner. Based on extensive fractographic 
observations, it can be generalized that when the stress intensity is relatively small, only 
single slip bands (paralleled bands) can be observed on the facet, as the stress intensity 
increases to a larger value, multiple slip bands (crossed bands) can be observed. This is in 
good agreement with the microstructural small crack growth manner that was 
experimentally observed by Künkler et al.
3 
Figure 7.4(a) shows another specimen failed from a pore deep inside the bulk. This 
happened because of the presence of a larger pore deep inside the bulk, while the surface 
and near surface region lack a pore/phase particle that has equivalent ΔK. A mixed region 
of facet and fine granular (rough zone), shown in Figure 7.4(b), is present from the 





where the ΔK value is 9.2 MPa√m. Beyond that, granular was observed until the crack 
intersects the specimen surface, Figures 7.4(c) and (d). According to Oguma et al.,5 
granular can be observed on the fractograph for crack grown under vacuum. It turns out 
that failure from deep inside the pore has relatively longer life than the ones located near 
the surface, even though the initial ΔK is higher. The above observations show granular 
was found in the facet prevail areas and beyond this area but still under vacuum. Pristine 
facets with clear slip-marks and convex granules, Figures 7.3(b) and 7.4(b), indicate there 
was no significant crack closure at low ΔK regime. However, in a crack deep inside the 
bulk, a darker and more rounded granular and flat region were seen until the crack 
reaches the surface, as shown in Figures 7.4(c) and (d). This might be caused by the 
pseudo-vacuum environment with ΔK beyond threshold and more pronounced plasticity 




7.2.2 HCF Crack Initiation from Near Surface Facet 
Facet-initiated HCF failures are generally very close to the specimen free surface, as 
GB-α and extreme α grains are commonly seen throughout the microstructure. Figure 7.5 
shows a specimen initiated from facets just under the surface. Paralleled slip marks can 
be seen on the facets, as shown in Figures 7.5(b), (c) and (d). A few stair-like steps were 
also seen on the facet. The formation of these steps was thought to be caused by small 
slip band coalescence, or due to step-by-step crack extension. The magnified view of the 
step is shown in Figure 7.5(d). Arrow-indicated areas show clusters of granular at the step 





accumulation according to Chai et al.7 The step-by-step extension of a small crack or 
coalescence of micro-cracks makes it possible to grow to a critical size.  
The ΔK at the border of the facet is 4.1 MPa√m. As it is just under the surface, it 
immediately intersected with the surface when it reached the current size, than grew as a 
surface crack. So the extension procedure of this facet region was thought to be 
consumed most of the total fatigue life. The crack extension procedure within the facet 
region leads to a much longer life than the specimens that have a pore with similar size at 
or just under the specimen surface. But the life is still much shorter than that of a 
specimen failed from inside, as seen in the case of Figure 7.3. When the facet intersects 
with the specimen surface, even though its size is still small enough to grow as a 
microstructurally small crack, the speed increased immediately when expose to air, while 
an internal crack can still grow as a microstructurally short crack under vacuum until the 
crack becomes a long crack. Thus internal crack-initiated failures exhibit considerably 
longer life than the ones just under the surface. 
The orientation of this crack initiation facet was determined by using EBSD as it was. 
The facet orientation was adjusted carefully by tilting and rotating the specimen holder to 
achieve high Kikuchi pattern index confidence (~0.6), where the total tilting angle is ~70˚. 
The facet was approximately 38˚ away from the loading axis. It was shown in Figure 
7.6(c) that the orientation of the facets is very close to the basal plane. The orientations of 








7.2.3 HCF Crack Initiation from Internal Facet 
The representative HCF crack initiation sites from internal facet are shown in Figure 
7.7. Figure 7.7(a) shows a fish-eye type HCF failure of PIFed Ti-6Al-4V from a large 
facet. Smaller facets and granular are also seen in the brighter rough area beyond the 
facet (Figure 7.7(b)). Figure 7.7(c) is the HCF crack initiation site of the mill-annealed 
alloy; a brighter rough area similar to that shown in Figure 7.4 is also observed. The 
magnified image (Figure 7.7(d)) shows a cluster of facts; each of them has a size 
comparable to the size of α grain (~10 μm). Fine granular regions appear in between 
these facets.  
The internal crack initiation facets were found to deviate from the loading axis to an 
angle, which is common for stage I crack growth. The profile (Figure 7.8) near the crack 
initiation site of the sample shown in Figure 7.7 (a) was determined using an optical 
surface profiler. The crack initiation facet is at the intersection point of line I and II. The 
facet tilted a lot from the loading axis, and the adjacent areas are generally normal to the 
loading axis though they are different in height, as shown by the topography and the 
profiles along line I and II. These facets were found inclined to the loading axis about 30-
60 degrees, which means the small crack grew in a mixed mode (I and II). The mode II 
loading causes slip on planes parallel to the crack. The crack extension in this stage was 
driven by crack tip slide displacement.
9
 The mode I loading causes slip on planes inclined 
to the crack plane and so blunts the crack tip by activating other slip systems. As 
illustrated in the previous contents, the rough area at the boarder of the primary crack 
initiation facet consists of smaller facets and fine granular in-between these small facets. 





and is driven by a single or double slip mechanism by absorption of dislocation dipoles 
during cyclic load.
811
  This region is the region defined by Umezawa et al. as the border 
area in HCF failure of high strength steels.
12
 
In situ crack growth observation showed that it took a lot of cycles to blunt a crack 
when the crack is microstructurally small (at near threshold region). Thus 
microstructurally small cracks grow in an intermittent manner. The crack growth rate 
increases when it passes through a grain boundary and is arrested when it approaches a 
grain boundary. The region ahead of the crack tip has highest stress concentration; 
dislocations pile up at the end of slip length. Continuous dislocation accumulation results 
from very small strains during each cyclic loading can cause an exhaustion of local 
plasticity.
13
 The procedure takes a lot of cycles to accomplish, but it enables the 
combination of micro-cracks involved from slip bands to grow the crack to a critical size.  
When the grain at the crack tip is oriented properly, such as the easy slip basal plane, or 
planes with high Schmid factor, the crack can easily transmit to it and pass through; 
however, when the grain is “hard”, cyclic softening at the local plasticity exhausted zone 
creates dislocation cells. This leads to severe damage of the material at the crack tip. Fine 
granular regions near the subsurface crack initiation site of titanium alloys reported 
recently, were found to come along with facets at the HCF crack initiation site.
14-17
 The 
mechanism presented above is the most possible formation mechanism of the granular 








7.2.4 Summary of HCF Failure Mode 
The analysis of HCF failure patterns indicates all these three materials had their HCF 
crack initiated from internal pores, facets just under the surface, or at the inside of a 
specimen. In the case of a facet just beneath the specimen surface, the fatigue life totally 
depends on when the microstructural small crack intersects with the specimen surface. 
Once the microstructural small crack is exposed to air, the crack growth rate suddenly 
increases by 10 to 100 times
2
; the remaining life portion is very small. The location of 
this type of crack initiation site determines the size of a microstructural short crack that 
can grow under vacuum conditions and cause life scatter. This type of failure is usually 
observed at intermediate-to-high cycle fatigue range. It is as a transition failure mode 
between surface and internal crack initiated failures. The schematic of this type of failure 
is shown in Figure 7.9. 
With the further decrease of cyclic loading stress, the crack initiation completely 
shifts to internal. Internal pore/facet-induced HCF failures exhibited a fish-eye like 
pattern, which contains a clear rough area at the outer boundary of the crack initiator 
(pore/facet). The rough area was considered to be the symbol of stable crack growth 
retardation. The delayed crack growth stage transition results in the fatigue failure 
mechanism change, which has a much longer fatigue life. If the defect size is equivalent 
to grain size, the transition would not happen; the failure will constantly initiate from the 
specimen surface. However, if the size of phase particle or pore for crack initiation is 
larger than the critical unit size for ΔKRA, lower critical stress level is required to form 
fine granular to obtain HCF, as the critical threshold crack size increases with the 





Figure 7.10 shows the schematic presentation of HCF failure modes of mill-annealed 
and HSPT Ti-6Al-4V alloys. The only difference is that crack origin size of HSPT 
processed alloy is larger than that of mill-annealed alloy. As analyzed in Chapter 5 and 
illustrated by Figure 7.10, the crack origin (pore/facet) size has a major effect on fatigue 
life. In HSPT PM Ti-6A-4V alloys, thick GB-α plates or big α grains have high Schmid 
factors that are ready to initiate a crack by slip and propagate very fast to a critical size 
because there is no obstacles to constrain the slip. This reduces the crack initiation 
resistance. However, in the mill-annealed alloy with fine homogeneous equiaxed grains, 
the available slip length is confined in the length of the grain size. The homogeneous fine 
grains impeding the capability of dislocations to move and thus crack initiation or short 
crack propagation are retarded, resulting in longer HCF life. 
 
7.3 Quantitative Fractograph Analysis and HCF Life Prediction 
7.3.1 Introduction 
It has been shown that the fatigue crack initiation site transits from surface to internal 
at high or very high cycle fatigue failures. The surface-to-internal crack initiation 
transition usually happens around 10 million cycles for mill-annealed and bio-modal Ti-
6Al-4V alloys.
17, 18
 This was also confirmed in this study. Subsurface crack initiation in 
titanium alloys from facet was discovered in the 70s in high cycle and very high cycle 
fatigue regime.
12,19,20,21
 It was illustrated that the initiation life share at different stress 
levels increases with the decreasing of stress level.
22
 Research on the microstructurally 





initiations, because it is small in dimension and dependent on local microstructure, which 





 have shown that larger facet size generally corresponds to shorter total 
life in investment-cast and HIPed Ti-6Al-4V with lamella microstructure. Variation of 
microstructural inhomogeneity is the main reason that leads to fatigue life variation. Liu 
et al.
14
 found that the SIF range for the rough region (facet and granular) is almost 
constantly located at the threshold value for crack growth threshold in high vacuum (7.8 
MPa√m).40 However, HCF crack-initiation facets are almost the same in size in wrought 
Ti-6Al-4V alloys. It is hard to generalize that the constant rough area ΔK is applicable for 
HCF initiations with different sizes and types, or for other microstructures.   
PM Ti-6Al-4V has inferior HCF properties due to its microstructural discontinuities, 
such as massive grain boundary, large phase particles, inclusions, and porosity. Since the 
small crack growth from the crack origin to critical (LEFM applicable) plays a significant 
role in HCF, the investigation of the correlation between microstructural discontinuity 
(crack origin) size and HCF life of Ti-6Al-4V would shine a light on the microstructure 
tailoring, process optimization and cost control. A large amount of fractographic 
observations showed there exist some correlations between crack initiator size, rough 
area size, and HCF life. This section is dedicated to find the reason of fatigue life drop of 
the powder metallurgy Ti-6Al-4V, and estimate crack growth rate in near threshold crack 
growth stage. In this section, quantitative fractograph was used to reveal the relationship 
between HCF life and the crack origin size, as well as the correlation with crack origin 






7.3.2 Quantitative Fractography Analysis 
The HCF data of different materials in this study with fish-eye like failure are shown 
in Figure 7.11. As-HSPT alloy shows scattered and a worse HCF performance; HSPT + 
PIF alloy shows a smooth trend and higher fatigue strength. The fatigue performance of 
these two materials is inferior to that of the mill-annealed alloy. 




∆K = 0.5∆σ√π√area                                                 (7.2) 
 
The area of crack initiation site (pore/first smooth facet) and rough area were used to 
calculate the ΔKini and ΔKrough, respectively. The values of ΔKrough are shown in Figure 
7.12, in which most data are between 7 to 9 MPa√m. This is generally consistent with the 
values for wrought Ti-6Al-4V alloy, which is 6 to 8 MPa√m, as determined by Liu et al.14 
This result also approximate to the value of the threshold for crack growth (7.8 MPa√m) 
under ultra-high vacuum environment was determined using a compact tension specimen 
by Oguma et al.2 The present investigation confirms that the size of rough area is the 
intrinsic characteristic size of crack initiation (microstructurally small crack growth range) 
for a fatigue crack originating from the interior of a specimen.  
The values of ΔK on initiation site (ΔKini) are also shown in Figure 7.12, which are 
lower than those of the rough areas. The value of ΔKini displays a decreasing trend with 
respect to failure life, and then reaches a constant value, within the range of 2-3 MPa√m, 
to achieve a fatigue life more than 10 million cycles. As facet-induced crack origins are 





is in the range of a few hundred μm, thus a generally liner trend was obtained. However, 
the location of HCF failure initiated from internal pores is random; some of them are just 
under the specimen surface; this type of crack origin follows the trend of facet-induced 
failure; some are deep inside the volume, which means the crack can grow under 
“vacuum” for a much longer range. In this type of failures, even though ΔKini is larger, 
their fatigue life is similar to the failures that have lower ΔKini values but much closer to 
the specimen surface, as shown by the solid circle symbols in Figure 7.12. It is shown 
that the location of crack origin has a noticeable effect on fatigue life.  
Figure 7.13 shows the measurements of both rough area and crack initiation sizes (in 
√area) as a function of the applied maximum stress. It is shown that both the rough area 
size and initiation size decrease with the increasing of maximum stress level following 
power function trends. At the same stress level, specimens with fatigue life >10
7
 cycles 
have much smaller initiation size compared to that of samples failed within 10
7
 cycles. A 
few exceptions deviated from the fitted line due to the variation of initiation site location. 
A deep inside crack initiation site with larger size would also lead to a runout life, a data 




The size of the rough area is only related to stress level, as shown by the plot in 
Figure 7.13; it increases with the decreasing of stress level, and is independent from 
microstructure (lamellar or equiaxed), and crack origin type (facet or pore). Thus, it is 
demonstrated that the size of the crack origin, which could be first smooth facet or pore, 
is the dominant factor that determines the HCF life for internal failures. Smaller primary 





before it reaches the critical rough area size. Basically, the fatigue life is dependent on the 
size difference between the rough area and the crack initiation area, as illustrated in 
Figure 7.10. The correlation between HCF life and crack origin size indicates that when 
the extreme size microstructural discontinuities, which act as crack origin, inside the 
microstructure are well examined, the HCF strength can be predicted.  
In the comparison of HCF failures from a facet and a pore with similar size, no 
distinct life difference was found. This indicates that the HCF life is more crack origin 
size dependent, and seems not affected significantly by the crack initiation type. From 
another perspective, it also demonstrates that the initiation life of a shear crack in a single 
α particle can be almost neglected. This was confirmed by Bache et al.26,27 that strain 
accumulation induced slip happens almost immediately in grains with proper orientation 
upon cyclic load.    
 
7.3.3 Near Threshold Crack Growth Rate 
The fish-eye is always tangential to the specimen surface. Thus the fatigue life 
beyond fish-eye can be neglected. The fatigue life consumed from fish eye to K1C was 
calculated to be in the order of 10
4





. However, the fatigue life consumed from rough area to fish-eye is 
important as the crack origin location varies from sample to sample. The crack growth at 
this region is actually under pseudo-vacuum environment and behaves like a long crack. 
In this region, the crack growth rate is much lower than the crack growth rate tested 
under air at the same ΔK level. 28 , 29  There is no rough area-to-fish-eye region for 





It is evident that the Paris relation is acceptable to describe the crack growth process 
in the stable crack growth region. Paris equation (7.3) obtained from crack growth data 
(Figure 6.5) was used to calculate the fatigue life consumed from the rough area to fish-

















1.015]                        (7.4) 
 
𝑁𝑅𝐴−𝐹𝐸 = 10𝑁                                                        (7.5) 
 
The crack growth from rough area to fish-eye is actually a vacuum environment. As 
shown by the fatigue crack growth data under air and high vacuum,
2
 at the beginning of 
long crack growth region, the crack growth in high vacuum is approximately one order of 
magnitude slower than that in air at same value of ΔK. Thus a coefficient of 10 was used 
to obtain the fatigue life consumed from rough area to fish-eye, equation (7.5). The 
calculated life consumed from the rough area to fish-eye region and life portion are 
shown in Table 7.2.  
The values of average crack growth rate within rough area were calculated from the 












The results are shown in Table 7.2 and Figure 7.14 (diamond symbols). It is observed the 




 m/cycle, and the 
value decreases with the increasing of fatigue life, as shown in Figure 7.15. This was 
validated by Y. Hong et al. by using the Tanaka–Mura model.17 This demonstrates that 
the microstructurally short crack can grow at higher ΔK values with lower rates at the 
internal of a specimen. The current available experimental fatigue crack growth data
2,28,29
 
of Ti-6Al-4V alloy under vacuum is also shown in Figure 7.14. The current calculated 
near threshold crack growth rate is lower than the experimental data detected by 
McClung et al.
28
 and Irving et al. 29, and matches perfectly at the ΔK value of ~ 8 
MPa√m with a crack growth rate of 10-10 m/cycle.  
 
7.3.4 HCF Life Prediction 
The calculated near threshold fatigue crack growth rates within the rough area were 




= 6 × 10−15 ∙ ∆𝐾𝐼𝑅













1.19]                     (7.8) 
 
The fatigue lives consumed by the rough area for each specimen are also shown in Table 
7.2. At the HCF region, the life portion consumed within rough area is mostly more than 
98%, except a few specimens with their crack origin from deep inside pores. For 





HCF lives based on equation (7.8) for specimens with different crack initiator sizes are 
shown in Figure 7.16. The dimensions in √area (μm) in the parenthesis are average crack 
initiator sizes of different specimens. 
The predicted curve for specimens with a size of 200 μm matches well with that of 
HSPT specimens, which have an average initiation size of 161 μm. However, in real S-N 
curve, the fatigue crack initiation size increases with the decreasing of stress level. As 
shown in Table 7.2, most HCF failed HSPT specimens have a crack initiation size around 
200 μm with two exceptions; the two much smaller sizes lead to a much lower average 
value. In general, the predict lives fairly agree with the real fatigue lives of HSPT 
specimens. 
The predicted lives for HSPT + PIF and mill-annealed specimens are much higher 
than the real fatigue data. The shape of HSPT + PIF specimens’ initiation site usually has 
a high aspect ratio because they are usually originated from the grain boundary α phase 
plate. Thus the real slip length in these specimens should be much higher than the size of 
√area, which means the real ΔK should be larger than the values calculated from √area. 
This is just one possible reason for higher predicted life. Since the aspect ratio and sizes 
are random, the shape factor was not taken into account during ΔK calculations. The 
HSPT microstructure shows that α grain near the grain boundary plate is larger and has 
some common orientation relationships with their neighbor grains. These features might 
lead to a weaker microstructural barrier at the beginning of the microstructural small 
crack growth region.  
Since it is almost impossible to remove all the micro-textures in wrought Ti-6Al-4V 





slip happens. Stain concentrations that exist somewhere between two to three grains have 
proper orientation combinations, where slip can easily transmitted to neighbor grains, as 
shown in Figure 7.17. There is almost no granule in-between a few grains with similar tilt 
angle and the slip marks show that slip happened continuously. Thus the effective crack 























Table 7.1 Average values of crack initiation size and ΔKini. 
Initiation type Average initiation diameter, μm Average Δkini, MPa√m 
Surface pore 47.6 4.24 
Internal pore 160.1 5.00 



























WR-1 Facet 720 18,547,329 11.75 1.97 185.30 7.82 4.89 77,571 0.42% 5.30E-12 
WR-2 Facet 735 16,338,927 12.12 2.04 163.02 7.48 4.76 66,360 0.41% 5.23E-12 
WR-3 Facet 680 30,721,500 17.46 2.27 185.64 7.39 4.83 87,959 0.29% 3.10E-12 
PIF-1 Facet 480 32,272,193 64.52 3.07 535.26 8.86 5.96 113,019 0.35% 8.26E-12 
PIF-2 Facet 510 16,945,546 43.17 2.67 351.82 7.63 5.15 0 0 1.03E-11 
PIF-3 Facet 550 98,828,33 63.84 3.50 345.76 8.16 5.83 102,947 1.04% 1.63E-11 
PIF-4 Facet 750 2,652,718 73.79 5.14 215.39 8.78 6.96 64,071 2.42% 3.09E-11 
PIF-5 Facet 600 5,899,327 94.67 4.66 266.70 7.81 6.23 142,007 2.41% 1.69E-11 
HSPT-1 Pore 520 7,469,674 187.20 5.67 439.66 8.69 7.18 109,746 1.47% 1.94E-11 
HSPT-2 Pore 520 2,624,586 164.27 5.31 360.90 7.88 6.60 152,243 5.80% 4.49E-11 
HSPT-3 Pore 600 2,128,184 186.30 6.53 373.60 9.25 7.89 104,303 4.90% 5.22E-11 
HSPT-4 Pore 480 2,867,847 175.09 5.06 371.97 7.38 6.22 224,850 7.83% 4.20E-11 
HSPT-5 Pore 450 3,964,901 193.56 4.99 426.18 7.41 6.20 0 0 3.31E-11 
HSPT-6 Pore 400 18,076,215 213.12 4.66 644.98 8.10 6.38 243,588 1.35% 1.37E-11 
HSPT-7 Pore 500 10,114,340 189.76 5.49 586.12 9.65 7.57 137,167 1.36% 2.24E-11 
HSPT-8 Facet 450 16,764,731 91.36 3.43 379.96 6.99 5.21 0 0 9.71E-12 










Figure 7.1 S-N plots of Ti-6Al-4V alloy by HSPT process based on failure initiation 













Figure 7.3 HCF failure from an internal pore, (a) σmax = 520 MPa, Nf = 7,469,674 




























Figure 7.4 Fish-eye like failure from an internal pore, (a) σmax=500 MPa, 
Nf=10,114,340 cycles, (b) facet and fine granular near the pore, ΔK=5.7 MPa√m, (c) and 










Figure 7.5 Facet formation near surface at low stress level, σmax=520 MPa, 
Nf=3,272,656 cycles, (a) Overview of the fracture surface, (b) fatigue crack initiation site, 
(c) enlarged view of a step in the facet, (d) high magnification image of the arrow points 







Figure 7.6 Determination of facet orientation using EBSD, (a) SEM image of a crack 
initiation facet (tilting corrected image) tilted to an angle of approximately 70˚ from 
horizontal, (b) index of a Kikuchi pattern with an index confidence of 0.59, (c) inverse 









Figure 7.7 HCF failures from internal facet, (a) HSPT + PIF (σmax = 750 MPa, Nf = 
2,652,718 cycles), and (c) mill-annealed (σmax = 720 MPa, Nf = 18,547,329 cycles) Ti-
6Al-4V alloys, (b) and (d) are higher magnification images of the rough area in (a) and 







Figure 7.8 Fracture profile near crack initiation site, (a) topography of an internally 
failed sample (σmax = 750 MPa, Nf = 2,652,718 cycles), profiles along line (I) and (II) are 












Figure 7.10 Schematic presentation of HCF failure, (a) mill-annealed Ti-6Al-4V with 








































































Figure 7.13 The correlation between fatigue crack initiation area and maximum stress. 
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Figure 7.14 Estimated internal crack growth rate at near threshold region. 
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1. The hydrogen sintering and phase transformation (HSPT) process produces a high 
density Ti-6Al-4V alloy with fine α+β microstructure, which leads to a 
significantly improved tensile strength and fatigue performance, relative to the 
standard powder metallurgical approaches that use blended elements. 
2. Fatigue strength in the as-sintered condition is greatly affected by the extreme-
sized pores or clusters of pores present in the microstructure. The use of -400 
mesh TiH2 powder in sintering resulted in a significant improvement in fatigue 
performance, relative to -325 mesh powder, due to the increased sintering density 
and the elimination of pore clusters. 
3. Pneumatic-isostatic-forging (PIF) after sintering closed the residual pores without 
coarsening the microstructure, which leads to a large increase in fatigue 
performance. The fatigue performance of HSPT + PIF processed materials is 
equivalent to the best fatigue results found in other PM Ti-6Al-4V alloys which 
were consolidated by HIP followed by additional heat treatment steps. 
4. At high stress low cycle fatigue regime, residual pores on the specimen surface 
degrade the low cycle fatigue life significantly, though the pore is only around 20 





become effective crack initiators. The fatigue crack initiation mechanism in the 
HSPT-processed Ti-6Al-4V alloy is a competition between the extreme-sized 
pores and α phase regions. 
5. Fatigue crack growth testing showed that the crack growth behaviors of HSPT 
and HSPT + PIF materials are similar, which indicates the micro-sized residual 
pores have no effect on crack growth behavior. The crack growth threshold of 
HSPT Ti-6Al-4V alloy is 3.2MPa√m. 
6. Fractographic analysis of fatigue and fatigue crack growth specimens indicate that 
fine granules and facets near the high cycle fatigue crack initiation site are the 
symbols of a microstructural small crack growth region for high cycle fatigue 
failures. The value of ΔKRA tends to be a constant; the value is between 7 and 9 
MPa√m.  
7. Most portions of fatigue life are consumed in the rough area (microstructural 
small crack growth region), and high cycle fatigue life is crack origin size-
dependent. Large high cycle fatigue crack initiators lower the proportion of net 
rough area at given stress level, leading to shorter high cycle fatigue life. 
8. The fracture pattern of rough area + fish-eye provides a way to estimate the crack 





 m/cycle, the rate decrease with the increase of fatigue 
life. The high cycle fatigue life estimated from the microstructural small crack 
growth rate and crack origin size matches very well with the current fatigue data. 
